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as a function of Nb, Al, and Si composition with
which to compare our lattice parameter data.
However, we can with some reliability calculate
the niobium concentration for an off-stoichiometry
compound, Nbj,,(AlSi);_, from the lattice
parameter and aluminium to silicon ratio assuming
a Geller [6] type scheme. Let r be the radius of an
Nb or Al atom, on the A or B site, then the lattice
parameter

4
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where

B . B
PBlesi = (Al con.)rg; + (Sicon.)rs;
(Al con.) + (Si con.)

is an effective radius on the B site due to
aluminium and silicon. 2, was measured; for iy,
and r& we used the Johnson—Douglass [6] radii of
1.51A and 1.33 A, respectively; for r%; we cal-
culated a value of 1.3875 A assuming that 4o =
5.183 A for stoichiometric Nb; Al; and for r&, we
used a value of 1.44 A calculated from the slope of
the Nb;Al ¢, versus composition data on the
Nb-rich side. From these numbers we obtain y and
thus the calculated values of Nb concentration.
The values so obtained agreed closely with the
nominal values (as also with the microprobe
values, see Table I). In addition we performed a
similar calculation for the Nb—Pt and Nb-—Ir
systems, with equally good agreement (see Table I).

The agreement between calculated and nominal
values with the computer corrected microprobe
values (within 1 to 2% for Nb) justifies the use of
elemental standards for characterizing these com-
pounds. Such good agreement is probably
fortuitous to some extent as all the supercon-
ductors have a high concentration of one of the

elements (i.e. Nb). However, this will usvally be
the case with most of the A-15 superconductors
with a chemical composition roughly A;B. Based
on these tests it seems reasonable to speculate that
A-15 superconducting compounds can be analysed
using elemental standards with an accuracy of a
few percent in A. If, however, a higher accuracy is
desired, the procedure outlined for preparing the
multicomponent standards can be used. Further,
such multicomponent standards can be very useful
for characterizing vapour-grown A-15 materials
whose composition cannot otherwise be deter-
mined accurately.
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The effect of carbide particle size on the
initiation of recrystallization of a hypo-
eutectoid steel

It is well established that dispersed, hard, incoherent
particles can either retard or accelerate recyrstal-
lization of a metallic matrix [1,2]. Retardation
can be explained by the “Zener-force”, —F,
caused by a volume portion, f, of spherical
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particles with radius 7, interacting with a moving
reaction front of specific energy v [3]:

=
2ry

)

Particle size dependence of acceleration of re-
crystallization can be explained at least in principle
by enhanced nucleation at particles. A necessary
condition for the motion of a recrystallization
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TABLE I

Sample Thermal pretreatment Particle Interparticle Particle
diameter distance shape
dy (nm) Ap (nm)

M 300 870° C, 40 min; H,0; 300° C, 1 h; H,0 200 x 10 110 plates

M 550 870° C, 40 min; H,0; 550° C, 1 h; H,0 200 300 spheres

M 650 870° C, 40 min; H,0; 650° C, 980 h, H,0 2700 4000 spheres

P 870° C, 40 min; 650° C, 20 min; air 10000 - lamellae

front from an incoherent interface is that the
driving force F;~Gb*(p —pg) associated with b =
the defect matrix must be larger than the retarding Gbpe
force F, = vy/r arising from the curvature of the
reaction front, with minimum radius of curvature

= Cp.l, (2)

where p. is the critical dislocation density at
which particles can act as nuclei for recrystalliza-

Tmin = Fp [4] . For F; = F, we obtain tion. The third factor which has to be considered
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Figure I Time to initiation of recrystallization (ty) as function of temperature (7}) and amount of cold-work (e, %).
(a) Pretreatment: M550; (b) Pretreatment: M 300.
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Figure 2 Time to initiation of recrystallization as function of temperature (Ty) and pretreatment (MT). Amount of

cold-work, € = constant = 50%.
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Figure 3 Time to start of recrystallization as function of amount of cold-work (e, %) and pretreatment (MT). Tem-
perature of recrystallization-treatment, 7, = constant = 550°C.

is that the microscopic distribution of strain (or
of dislocation) is not independent of f;, and ry
[5,6].

A carbon steel (0.23C; 0.378Si; 0.53Mn in
wt %) was used to test these theoretical predictions
with a commecial material.

Varying sizes of fairly randomly dispersed Fe;C
particles were produced by thermo-mechanical
treatment of the martensitic structure. The tem-
pering temperature (7) and the average size of the
particles (d,) as well as their average centre to
centre distance are given in Table I. For compari-
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son, a pearlite—ferrite structure (P) produced by
the conventional continuous cooling treatment is
also included. The volume portion was about con-
stant at f, #0.03, and f, ~0.3 for the pearlite
structure. The time to initiation of recrystallization
of the alloys rolled up to 95.5% after the different
pretreatments is shown in Figs. 1 and 3.

The dependence of the time to initiate recrystal-
lization on the amount of cold-work is normal for
the pretreatments M 550 (Fig. 1a), M 650 and P;
while for the very small particles (M 300) recrystal-
lization starts after relatively larger periods of time
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Figure 4 Subgrain structure and recrystallization front in
M 550; 90%, 550° C;'2h, H,0.

at cold-work of more than 80%. The effect of pre-
treatment on recrystallization of the 50% deformed
alloy again shows an unexpected behaviour. In the
alloy containing the very small particles (M 300)
recrystallization starts earlier than in M 550 which
contains larger particles. This disagrees with
Equation 1, while the early initiation of recrystal-
lization in M 650 and P is in agreement with
Equation 2. If the time to initiate recrystallization
in all the pretreatments is presented as a function
of the amount of cold-work for a particular re-
crystallization-treatment-temperature ~ (550° C),
the peculiar behaviour of the fine dispersion M 300
is again evident (Fig. 3). The start of recrystalliza-
tion is delayed at very high amounts of cold-work
to times longer than that of the pretreatment
M 550. Only this sequence was expected originally
from Equations 1 and 2.

The results indicate that a third factor has to be
considered in connection with the effect of
particles in addition to impeding dislocation

Figure 5 Formation of nuclei at slag-inclusion and at
large carbide particles; M 650, 50%, 550° C; 42 min, H,O.

rearrangement and the motion of recrystallization
front by small particles (Fig. 4) and nucleation at
large particles (Fig. 5). Results of investigations by
transmission electron microscopy and surface
morphology indicate that this is the mechanical
stability of the particles. The medium size (M 550)
and large (M 650) particles remain unchanged at
any amount of cold-work. Only small particles
(M 300) are sheared off at all plastic strains. At
small and intermediate amounts of deformation
this leads to the formation of deformation bands
in which the particles become still finer dispersed.
During subsequent annealing these areas are
recognizable as zones containing very fine particles
and small subgrains, A, which can be easily dis-
tinguished from the less deformed zones in between
the bands, B (Fig. 6).

Figure 6 Duplex substructure and recrystallization front;
M 300, 90%, 550° C; 30 min, H,0. A, former deformation
bands with fine subgrain structure and finely dispersed
particles; B, coarse subgrain structure, where particles had
not been sheared, C, recrystallized structure.

The following general conclusions can be drawn
from the results for the initiation of recrystalliza-
tion if the particle size is varied at a constant
volume portion.

(1) There is an upper critical partical size above
which the initiation of recrystallization is acceler-
ated by nucleation at the interfaces.

{2) Recrystallization is retarded by smaller
particles, which also have the effect of inducing a
high degree of microscopic homogeneity of strain.

(3) There is a lower critical partical size below
which particles are sheared during deformation.
This leads to microscopic inhomogeneity of strain
by concentration of strain into deformation bands.
This effect favours the formation of nuclei for re-
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crystallization.

(4) At higher strains (¢ > 80%) the deformation
bands broaden and strain becomes homogeneous
again. Only then is recrystallization retarded still
more in the alloy containing small particles (M 300)
as compared to that with medium size particles
(M 550).

(5) Because of the reasons mentioned in 3 and
4 the time to initiate recrystallization in the
finest dispersion decreases with increasing amounts
of cold-work up to 80%, but thereafter increases
again at higher strains.
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On the solidification of powders and large
ingots — an application to Fe—25% Ni

It is interesting to relate the losses by conduction
and the coaling rate during solidification of small
powders. Equation 1 connects the conduction
losses with those of convection and radiation:

_ KAT
(1/Dy) —(1/D)
D‘Z

= (T = To)+ co(r* 18],

q

where g is the rate of heat flow, K is the con-
ductivity of the powder, AT is the temperature
difference between the outer diameter D and the
inner diameter Dj, in which the solidifcation has
been advanced, €, o and ki, are the emissivity of
the powder, the Stephen Bolizmann constant
and the convection heat transfer coefficient res-
pectively, while T, is the temperature of the
surrounding medium.

The convection coefficient h, for a sphere
moving through a gas under turbulent flow for all
atomization processes and for small powders can
be expressed as [1]

he = ND )

where A should be approximately constant for a
given process and material. Assuming 7/8 of the
volume of the droplet has been solidified (D; =
D/2) we have
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DX
= —| =T —Ty + eo(T* — TH|.
AT T [D T—Ty+eo(T TO] )
Also in Equation 4 the rate of heat flow is being
connected with the volume fraction being solidi-
fied V5, )

D d¥,
_psl{_#s =

A
G P [B(T—TO)+eo(T4—T3],(4)

where pg is the density of the alloy and H is the
latent heat of fusion. Assuming that the initial con-
dition is ¥ =0 at t = 0 the cooling rate T will be

6T

T =
DpH

[%(T— To) + ea(T*— T‘é]. (5)

Introducing the values for Fe—25%Ni [1] we have
A=0.5x10calem ™ sec* K™, T=1773K, e =
0.33, pCp=127calem™ K™ and %k =0.03cal
cm™ K™% In the extreme case of powder diameter
500 um the error at this temperature is less than
1% which is negligible in the powder form. Intro-
ducing p=8 gcm™ and H = 72 cal ¢! we find that
the cooling rate for solidification of a powder of a
diameter Smm is 1760Ksec™ in which a drop
of 1355Ksec™ is due to a convection cooling and
the rest due to radiation. The conclusion is that
since the cooling rate is high we can assume that
continuous cooling occurs during powder solidifi-
cation and so the undercooling should be pro-
portional to the T2 for a specific system [2] and
for low undercoolings, before nucleation occurs.

For large ingots, it was found experimentally
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